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Thin foils of aluminum alloys are commonly used in automotive industry for manufacturing heat exchangers.
Use of twin-roll casting instead of direct-chill casting requires modi�cations in the manufacturing process and use
of improved materials. In the present study, the evolution in microstructure and mechanical properties during
isochronal annealing of two AW3003-based alloys di�ering in silicon content was monitored. The silicon in�uenced
both the microhardness and precipitation kinetics during annealing, but not the recrystallization temperature.
Precipitation of cubic α-Al15(Mn,Fe)3Si2 phase occurred in two steps in the material with higher Si content,
while mainly precipitates of Al6(Mn,Fe) phase formed in the second material in a broad temperature interval,
preferentially at grain boundaries.

PACS: 81.40.Ef, 68.37.Lp, 81.30.Mh

1. Introduction

Foils from Al�Mn based alloys are frequently used as
�ns in automotive heat exchangers. The manufactur-
ing of such �ns is a complex process which consists of
twin-roll casting, several cold-rolling and annealing steps,
forming and brazing. The microstructure and mechani-
cal properties of the �nal �ns are in�uenced by all these
steps so the thorough understanding of their respective
e�ect is necessary to provide products with the properties
required by industry: good strength, ductility, corrosion
and sagging resistance.
Thanks to higher cooling rates, materials prepared by

twin-roll casting exhibit higher solid solution supersatu-
ration in the as-cast state than the direct-chill cast ones.
Next to the primary particles, which appeared during the
casting process, new dispersoids precipitate during an-
nealing at elevated temperatures [1]. In AW3003 alloys,
the temperature of main precipitation has been observed
between 300 and 500 ◦C [2�6].
The composition and morphology of dispersoids de-

pend on the speci�c content in alloying elements of
each alloy. The two phases most often observed in Al�
Mn�Fe�Si alloys are orthorhombic Al6(Mn,Fe) and cu-
bic α-Al15(Mn,Fe)3Si2 [2, 7], but others like hexagonal
α-Al8Fe2Si have also been reported in the literature [7].
Which one is predominant depends mainly on the sili-
con content [8�10]. It may be mentioned that, depend-
ing on the Mn:Fe ratio, the α-Al15(Mn,Fe)3Si2 phase ex-
ists in two di�erent variants: simple cubic when Mn pre-
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vails and body centered cubic otherwise [11�13]. During
heat treatment, both primary particles and dispersoids of
Al6(Mn,Fe) may transform to α-Al15(Mn,Fe)3Si2 thanks
to di�usion of silicon and manganese that is enhanced
with increasing temperature [8, 11, 14].
Cold-rolled materials contain a high number of dis-

locations and stored deformation energy which can be
released during recrystallization (RX). The temperature
and the extent of RX are in�uenced by the amount of
strain introduced into the material during cold-rolling
[15] and also by the size and distribution of particles
present in the material. It has been documented that
large particles promote RX by particle stimulated nu-
cleation of new grains but small dispersoids retard RX
by exerting the Zener drag on moving grain boundaries
[16, 17]. Precipitation and recrystallization can a�ect
each other [18] as dislocations may serve as preferen-
tial sites for heterogeneous nucleation and thus RX could
impede precipitation. On the other hand, precipitation
prior to RX leads to the formation of �ne particles which
may retard RX.
The present contribution is a study of microstructure

and mechanical properties evolution in two twin-roll cast
alloys from the AW3003 series di�ering in silicon content
during isochronal annealing that have been cold-rolled
to 0.4 mm.

2. Experimental

The two alloys investigated were alloy H, high in Si
containing 0.90 Mn, 0.53 Fe and 0.50 Si and alloy L,
with 0.86 Mn, 0.61 Fe and 0.10 Si (in wt%). The al-
loys were twin-roll cast from the melt into 8.5 mm thick
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sheets, then cold-rolled in several steps to the thickness of
0.4 mm. The specimens from the sheets were subjected to
a step-by-step isochronal annealing in laboratory condi-
tions. For this, the specimens were put into a pre-heated
furnace and hold for 20 min at the temperature. They
were then water quenched and their electrical resistivity
ρ in liquid nitrogen was measured. After this measure-
ment, the specimens were put again for 20 min into the
furnace with temperature increased by 20 ◦C. The tem-
perature range for the annealing thus investigated was
from room temperature to 620 ◦C.
To estimate the main temperature range of solid-

-solution decomposition by precipitation, electrical resis-
tivity ρ in liquid nitrogen was measured using DC four-
-point method with a dummy specimen in series [19].
Electrical resistivity ρ is a material's property, which is
very sensitive to the concentration of solute atoms in the
metallic matrix of a metal. As such it helps evaluating
the temperature ranges of main solute redistribution in
the material during annealing. In the resistivity anneal-
ing spectrum −(dρ/dT )/ρ0, which is the negative nor-
malized derivative of ρ with respect to the temperature
T with ρ0 being the resistivity of the non-annealed mate-
rial, a local maximum corresponds to the precipitation of
one or several new phases while particle dissolution can
be associated to a local minimum.
Softening of the materials was monitored by measure-

ments of the Vickers microhardness and these measure-
ments provided an estimate of the temperature interval
for recrystallization. Light microscopy and transmission
electron microscopy (TEM) were used to study the grain
structure and then the substructure of deformed and an-
nealed materials as well as the phase composition � na-
ture of primary particles and precipitates formed dur-
ing annealing. The microstructure observations and elec-
tron di�raction analysis of particles were carried out on a
JEOL JEM 2000 FX microscope operating at 200 kV and
equipped with an X-ray energy dispersive spectrometer
LINK AN 10 000.

3. Results

The resistivity annealing spectra (Fig. 1) of the H and
L samples exhibit some di�erences. The alloy L with
lower Si content has one broad peak with a maximum at
300 ◦C. The peak in the alloy H is split into two sub-
-stages at about 300 and 400 ◦C. At temperatures above
450 ◦C, we can observe two minima in both alloys which
are however more pronounced in the material with higher
Si content.
The evolution of the Vickers microhardness (Fig. 2)

is similar for both alloys, though the H alloy shows val-
ues higher by approximately 10% than those recorded
on the L alloy. After moderate increase at lower anneal-
ing temperatures (around 200 ◦C), signi�cant drop occurs
between 240 ◦C and 440 ◦C, which levels o� at higher tem-
peratures.
Because of cold-rolling to 0.4 mm, both materials con-

tain heavily deformed grains that are elongated in the

Fig. 1. Resistivity spectra of two materials di�ering in
Si content as obtained by the means of isochronal an-
nealing. Two precipitation peaks are indicated with ar-
rows for the material H with higher Si content around
300 and 400 ◦C. The second peak is suppressed in the
material L with lower Si content.

Fig. 2. Microhardness evolution of the two alloys dur-
ing isochronal annealing up to 620 ◦C. Signi�cant drop
of hardness between 240 ◦C and 440 ◦C corresponds to
the recovery of dislocation substructure and recrystal-
lization.

rolling direction (Fig. 3). This structure does not change
signi�cantly until 340 ◦C. At 440 ◦C, after the drop in
microhardness and the maximum in resistivity annealing
spectrum, both materials are fully recrystallized. New
recrystallized grains have formed with a width of ap-
proximately 50 µm and a length in rolling direction up
to 1 mm. Further annealing did not lead to observable
grain coarsening, in apparent agreement with the level-o�
of the hardness change above 440 ◦C.
TEM observations revealed that, in the initial state

after rolling to the thickness of 0.4 mm, both alloys con-
tain high density of dislocations arranged in a cell struc-
ture with cell diameter approximately 300 nm. This is
illustrated in Fig. 4 (left) for alloy H. The selected area
electron di�raction analysis has shown that the primary
particles are predominantly the cubic α-Al15(Mn,Fe)3Si2
in the H material and a mixture of hexagonal α-Al8Fe2Si
and cubic α-Al15(Mn,Fe)3Si2 with signi�cant fraction of
orthorhombic Al6(Mn,Fe) phase in the L material. Often
they are clustered in two-phase colonies (Fig. 5, left).
After annealing up to 200 ◦C, a partial recovery of dis-

location structure occurred but the dislocation density
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Fig. 3. Optical micrographs taken in polarized light.
Highly deformed grains after rolling (top) and new re-
crystallized grains elongated in rolling direction after
annealing up to 440 ◦C (bottom). The material H richer
in Si on the left side, the material L with lower Si
amount on the right.

Fig. 4. TEM micrograph of the initial microstructure
of the H alloy. High density of dislocations after cold-
-rolling (left) and a primary particle with cubic struc-
ture α-Al15(Mn,Fe)3Si2 (right).

Fig. 5. The material L with lower silicon content: the
eutectic colonies formed during casting (left) and par-
tially recovered dislocation substructure after annealing
to 200 ◦C (right).

Fig. 6. Materials annealed to 340 ◦C, dispersoids
formed at the (sub)grain boundaries. In the ma-
terial H with higher Si content they are body cen-
tered cubic α-Al15(Mn,Fe)3Si2 phase (left); orthorhom-
bic Al6(Mn,Fe) phase formed in the material L with
lower Si (right).

still remained relatively high in the H specimen as com-
pared to the L one that is illustrated in Fig. 5 (right).
The dislocations recovery and the cells transformation
into subgrain boundaries was observed in specimens an-
nealed up to 340 ◦C. New dispersoids of diameter 10�
50 nm precipitated heterogeneously on (sub)grain bound-
aries. In the material H, they are of body centered cu-
bic α-Al15(Mn,Fe)3Si2 (Fig. 6, left), while in the mate-
rial L orthorhombic Al6(Mn,Fe) phase without Si pre-
vails (Fig. 6, right). Moreover, in the material L, the
primary particles often transformed from the hexagonal
α-Al8Fe2Si phase to cubic α-Al15(Mn,Fe)3Si2.

Fig. 7. Left: high density of dispersoids of simple cu-
bic α-Al15(Mn,Fe)3Si2 phase formed in the grain inte-
rior at 440 ◦C, surrounded by slightly coarser particles
of bcc phase on former grain boundaries in the mate-
rial H. Right: coarser dispersoids of Al6(Mn,Fe) phase
on former grain boundaries in the material L.

Fig. 8. The microstructure after annealing to 620 ◦C:
the precipitates are coarser and their number density
is lower than at 440 ◦C. The number of precipitates is
much lower in the L material (right) as compared to the
H material (left).

At 440 ◦C, both materials are fully recrystallized and
show coarse grains. A high number of new dispersoids
of α-Al15(Mn,Fe)3Si2 phase formed in the alloy H in the
bulk volume of the matrix (Fig. 7, left). The new dis-
persoids have simple cubic structure, unlike those which
precipitated at lower temperatures at grain boundaries
which showed a body centered cubic structure. In the
material with lower Si content only a limited number of
new dispersoids of the simple cubic α-Al15(Mn,Fe)3Si2
phase was detected while coarsening of dispersoids of the
Al6(Mn,Fe) phase located on former grain boundaries
was the dominant process (Fig. 7, right).
At temperatures above 540 ◦C, precipitates coarsening

occurred in both materials, with the smaller ones dis-
solving back to the solid solution. At 620 ◦C, only large
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particles were observed in the L material when the H
material still exhibits the presence of a large number of
coarse precipitates of the cubic α-Al15(Mn,Fe)3Si2 phase
(Fig. 8).

4. Discussion

After casting and rolling to 0.4 mm, the materi-
als exhibit high density of dislocations and �at grains
elongated in rolling direction. Coarse primary parti-
cles could be found within materials, with cubic struc-
ture α-Al15(Mn,Fe)3Si2 in the material H with higher
Si content, and hexagonal α-Al8Fe2Si and orthorhom-
bic Al6(Mn,Fe) in L material. Only moderate changes
occurred in the resistivity and microhardness during an-
nealing up to 200 ◦C. Small increase in the resistivity
annealing spectrum is associated with partial dislocation
redistribution which might be accompanied by depletion
of the matrix in Si atoms. During this stage, silicon either
forms clusters or enrich primary particles [2]. Contribu-
tion from manganese is not of much importance because
of its lower di�usion coe�cient at 200 ◦C as compared to
silicon [20, 21].
The moderate increase of the microhardness which is

observed at low annealing temperatures was most proba-
bly caused by the solute clustering. This e�ect prevailed
over dislocation recovery that also contributes to the low-
ering of the resistivity, but would result at the same time
in a decrease of the microhardness. Generally, recov-
ery of the dislocation substructure results in the dete-
rioration of mechanical properties. However, a di�erent
phenomenon has also been reported in the �ne-grained
aluminum, namely an increase of the microhardness dur-
ing annealing and recovery [22, 23]. Therefore the exact
mechanism responsible for the resistivity and the micro-
hardness changes below 200 ◦C is worth of further inves-
tigation.
Between 200 and 440 ◦C, global maxima occurred in

the resistivity annealing spectra which correspond to the
depletion of the matrix in solute atoms because of mas-
sive precipitation of new particles. This process is split
into two steps for the H material: �rstly the precipitates
form at subgrain and grain boundaries, and, secondly, af-
ter recrystallization also inside the grains. On the other
hand, only one broad maximum was observed in the L
material.
The main drop in microhardness is connected with the

recrystallization. Thanks to the recovery of the dislo-
cation structure and formation of new grains with low
density of dislocations, the material strength decreased
signi�cantly. Silicon content does not appear to a�ect
the recrystallization temperature, though material H ex-
hibits higher microhardness values at all annealing tem-
peratures presumably because of solid solution harden-
ing. The leveling-o� of the microhardness at high tem-
peratures can be attributed to the dissolution of small
precipitates back into the solid solution and also to par-
tial dissolution of primary particles.

The �rst precipitation stage occurs before recrystal-
lization, when the materials contain high density of dis-
locations and (sub)grain boundaries which serve as pref-
erential nucleation sites. After recrystallization, homo-
geneous precipitation of α-Al15(Mn,Fe)3Si2 phase within
the grains proceeds in the material with higher Si. This
is associated with the second peak in the resistivity spec-
trum and leads to very limited particle coarsening in
this alloy at that stage. On the contrary, the phase
Al6(Mn,Fe) formed at (sub)grain boundaries in the mate-
rial L does not appear to easily nucleate homogeneously
inside the grains. As a consequence, coarsening of al-
ready existing dispersoids is the dominant process when
grain growth has started in this alloy, and this is thought
to explain the broadening of the precipitation peak in the
L material.
Final minimum in the resistivity annealing spectra,

which is more pronounced in the Si-rich material, is
caused by dissolution of the second phase particles back
to the solid solution, which is accompanied by coarsening
of some dispersoids and primary particles.
Recovery of the dislocation substructure, recrystalliza-

tion and grain coarsening are expected to have the main
impact on the evolution of the microhardness during an-
nealing. Nevertheless, these changes of deformed mi-
crostructure are also a�ected by the particle redistribu-
tion within the material. Thanks to the solute depletion
of the matrix, the migration of dislocations and grain
boundaries is enhanced and the recrystallization, leading
to material softening, is accelerated.

5. Summary

In the present paper, two AW3003 alloys, di�ering in
their silicon content, were studied through isochronal an-
nealing from room temperature to 620 ◦C. The alloy
richer in Si exhibits slightly higher microhardness values
and showed a two-step precipitation sequence centered
around 300 ◦C and 400 ◦C. First the body centered cubic
α-Al15(Mn,Fe)3Si2 phase precipitated at grain bound-
aries and after recrystallization new dispersoids of the
simple cubic α-Al15(Mn,Fe)3Si2 phase formed in the
whole volume of the matrix. In the material with lower Si
content, the Al6(Mn,Fe) dispersoids precipitated around
300 ◦C at grain boundaries and their coarsening was the
dominant process during further annealing. Only lim-
ited number of the simple cubic α-Al15(Mn,Fe)3Si2 dis-
persoids precipitated in this latter material.
The high dislocation density, resulting from the cold-

-rolling, recovered and both materials fully recrystallized
below 440 ◦C, but elongation in the rolling direction still
remained apparent in the grain structure even at high
annealing temperatures.
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